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Tizs.icz o structural defects resulting from complex irradiation processes remain elusive. This study investigates the
Ion irradiation microstructural evolution of Ti3SiC, under sequential Xe-He-H ions irradiation at room temperature, followed by
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annealing at 900 °C, employing both experimental and first-principles computational approaches. A reverse
phase transformation occurred following He irradiation, indicating that He facilitates the remote migration and
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recombination of Si vacancies through the formation of He-Si pairs during annealing. Post-annealing, the Xe-
irradiated sample exhibited a widespread distribution of small Xe bubbles, whereas larger bubbles were prev-
alent at peak damage regions in the samples subjected to Xe+He and Xe+He+H irradiation. Concurrently, Si-rich
precipitates with distinct distribution patterns were observed in samples irradiated with Xe, Xe+He, and
Xe-+He+H ions, significantly affecting the hardness. First-principles calculations reveal that the distinct damage
profiles are primarily attributed to the dynamic behaviors of Si interstitials. The Ti-Si bonds are relatively weak
and easily broken, leading to abundant Si interstitials in Xe ion irradiation, and He enhances Si diffusion.
Conversely, H enhances Si segregation by preventing He from capturing Si interstitials. Within the TiC grains, He
promotes Si migration, causing an approximately 700-fold increase in Si diffusivity at 900 °C. The Si segregation
leads to the nucleation of (110) dislocation loops, culminating in the formation of distinctive strip-like Si clusters.
This study elucidates the formation mechanism of Si segregation within Ti3SiC,, providing valuable insights for
the design of irradiation-resistant materials.

1. Introduction

Generation IV innovative fission nuclear reactors, such as Gas Fast
Reactor (GFR), are a hot research topic. Such reactors are designed to
operate under high temperature (500-800 °C in normal conditions and
up to 1600 °C in accidental scenarios), serious irradiation damage,
aggressive corrosion, and high helium-pressure [1,2]. These extreme
service environments pose significant challenges for materials used in
reactors, which require them with outstanding irradiation resistance,
excellent thermal conductivity, thermomechanical stability, and so on.
In recent years, a new class of ternary layered carbides or nitrides named
M+ 1AX;, phase (commonly referred as MAX phase) have been widely
investigated [3], where M refers to an early transition metal, such as Ti,
Cr, V, etc.; A is an element from group A (mostly III A and IV A group); X
is carbon and/or nitrogen; n = 1, 2 or 3, and the phases are named as
211, 312, 413 MAX phases, respectively. MAX phases show hexagonal
crystal structure (P63/mmc), consisting of MgX octahedra separated by
A atomic layers [4]. Due to the unique ternary laminated structure, MAX
phases exhibit the combination of typical properties from both ceramics
and metals [5,6], including outstanding thermal properties, perfect
corrosion resistance, and high temperature oxidation resistance [7,8].
For example, Ti3SiC; is stable at temperatures as high as 1800 °C under
an argon atmosphere [9], and most MAX phases have high thermal
conductivity(for example, 40 W/m-K for Ti3AlC,; and 37 W/m-K for
TigSiCy) [4], these excellent thermal properties make MAX phase have
potential ability to be used in GFR applications.

MAX phases have outstanding irradiation resistance [10,11]. TigSiCy
remained crystalline structure after the 700 keV C ions irradiation with
a dose up to 60 dpa at 350 °C [12], and its structure has not been
completely amorphized under 400 keV Xe ions irradiation with the dose
up to 116.9 dpa at 500 °C[13]. Moreover, plenty of interesting behaviors
have been found in MAX phases under ion irradiation, such as phase
transformation, anisotropic expansion, and microstructure change. For
instance, ‘black spots’, antisite defect clusters, stacking faults, and
nano-twin structures can be observed in Ti3AlCy under heavy ions
irradiation with high energy [14,15]. Wang [16-18] indicated that
Ti3AIC, irradiated with 3 x 10'® and 2 x 10'® Au ions/cm? at room
temperature had a HCP-y-FCC phase transformation, and the size of
unique FCC-(Mp,+1A)X, nanodomains increased when the dose was up to
300 dpa, which can be considered as another critical mode for MAX
phases to facilitate irradiation tolerance. For volumetric swelling,
although numerous works reveal that the anisotropic expansion of ma-
terials after irradiation is unavoidable, the expansion extent of MAX
phases is much weaker than that of SiC. For example, the volume
swelling of Ti3SiCy is 2.2 + 0.8 % while the a-SiC is 16.4 + 1.3 % under
the 4 MeV Au ions irradiation with a fluence of 10'° m~2 at room tem-
perature [19]. Therefore, given the excellent mechanical stability in
such extreme environment, MAX phases show great potential to be
candidate materials in nuclear reactors.

For the practical applications of reactor cladding materials, it is
necessary to consider the behaviors of helium and hydrogen atoms,
which can be generated either by radiation or transmutation through (n,

o) nuclear reaction. The accumulation of helium atoms would lead to the
degradation of mechanical properties by means of void swelling, helium
bubbles, and embrittlement. Some calculations [20,21] elucidate that
Ti3SiCy has better resistance to hydrogen embrittlement than metals, the
unique Si layers in Ti3SiCy has a self-healing ability in response to the
radiation damage induced by helium atoms via acting as the channels for
the accumulation, desorption, and transportation of helium atoms. At
high temperature(>500 °C), helium atoms can diffuse quickly into Si
layer and the largest helium cluster formed in Si layer consists of no
more than 7 helium atoms, only causing about 2 % volume swelling at
most [22]. Zhang [23] demonstrated that the growth of helium bubbles
was the main damage induced by He irradiation and the bubbles were
mainly restricted in nano-laminate layers; when the annealing temper-
ature increased from room temperature to 750 °C, the size of helium
bubbles grew from 1.4 nm to 10 nm; as the annealing temperature
increased up to 1050 °C, the helium bubbles transformed from
spherical-like shape into platelet-like shape. In contrast, Su [24] pro-
posed that small helium bubbles could grow into large bubbles without
the help of capture assistance from nano-laminate layers in TizSiC, after
being annealed at 1100 °C for 1 hour. Meanwhile, the strain caused by
helium bubbles made the Si atoms diffuse out of Si layers and accu-
mulate at the surface region. These efforts also indicate that the be-
haviors of helium bubbles and microstructure evolutions under He
irradiation in TigSiCy are complex, and further explorations are
desirable.

In fission nuclear reactors, hydrogen (H), helium (He), and a variety
of fission products are generated concurrently, leading to synergistic
radiation damage in cladding materials. Regrettably, the majority of
prior research has predominantly concentrated on the impact of single-
ion irradiation on MAX phases. A significant knowledge gap exists in the
literature concerning the effects of multi-ion irradiation. Consequently,
this study seeks to elucidate the irradiation response of TizSiCy under the
synergistic effects of multi-ion irradiation, both pre- and post-annealing.
Initially, 5 MeV Xe™ ions were implanted into Ti3SiC samples to induce
displacement damage and incorporate fission product xenon atoms.
Subsequently, 400 keV He" ions were irradiated into selected TizSiCs
samples previously irradiated with Xe ions to assess the behavior of
helium bubbles under the influence of Xe irradiation. Finally, 190 keV
H' ions were irradiated into the Ti3SiC samples previously subjected to
Xe+He irradiation to investigate the microstructural evolution under
the synergistic effects of Xe+He-+H ion irradiation.

2. Material and methods

Ti3SiCy samples (purity: 99.9 %) were purchased from Beijing Bekei
New Material Technology Corporation. The chemical composition and
crystal structure of these samples were characterized and confirmed
firstly, the results are shown in Fig. 1(a). 5 MeV Xe?3" jons with a fluence
of 3.5 x 10'° ions/cm? were pre-implanted at room temperature by
using the 320 kV ion implanter. Then the 400 keV He and 200 keV H ions
irradiation experiments were carried out by using the NEC 400 kV ion

implanter, with the fluences of 1 x 10'” jons/cm? and 6 x 10'® ions/cm?
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at room temperature, respectively. The direction of the ion incidence is
perpendicular to the surface of the sample. Based on full damage cas-
cades mode, the displacement threshold energies of Ti, Si and C were set
as 25 eV, 15 eV and 28 eV, respectively, in the Stopping and Range of
Ions in Matter (SRIM) simulation software during the calculation of
irradiation parameters [12]. The density of Ti3SiC, was set as 4.528
g/cm3 in the SRIM calculations [25]. Fig. 1(c) and Fig. 1(d) display the
simulation results of the depth variation of damage and the concentra-
tion of Xe, He and H atoms, which show that the peak displacement
damage (approximately 14 dpa, displacement per atom), peak helium
concentration (approximately 7 %) and peak hydrogen concentration
(approximately 5.5 %) located at a depth of approximately 1 pm. In
addition, some irradiated samples were annealed in tube furnace at 900
°C for 2 h with argon gas (purity: 99.999 %) protection. The experi-
mental parameters are listed in Table 1.

The surface morphologies and microstructures of those unirradiated,
irradiated, and annealing samples were characterized by scanning
electron microscopy (SEM, Zeiss Gemini 460), transmission electron
microscopy (TEM, FEI talos F200X), selected area electron diffraction
(SAED) patterns, scanning transmission electron microscopy (STEM)
with electron diffraction spectroscopy (EDS). The TEM samples, less
than 100 nm thick, were prepared by using the focused ion beam (FIB,
FEI Helios G4) lift-out technique. The initial lift-outs were performed by
using 30 kV Ga' ions with a current of 9.3 nA. During the process of
thinning, the energy and current of Ga' ions beam was progressively
decreased to minimize damage to the sample surface. Final thinning was
performed using 2 kV Ga' ion. Fig. 1(b) shows the overview image of
FIB-prepared TEM sample, the irradiation direction and damage areas
are marked. The nano-hardness of samples were measured by Hysitron

Table 1

The detailed experimental parameters used in this study.
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Ton influence(ions/cm?)

Annealing temperature

Annealing time

° h
Xe™ ions He™" H' ions e ®)
ions
3.5 x 900 2
1015
3.5 x 1 x
1015 107
3.5 x 1 x 6 x
105 10" 1016

Ti-980 Tribo Indenter, the indentation depth is 100 nm, which is cor-
responding to the damage region of the irradiated samples. In addition,
5 indentations were performed for each sample and the results were
averaged over the five measurements.

In addition, the Density Functional Theory (DFT) method was used to
investigate the atomistic behavior of defects in Ti3SiCy. The structural
and energetic calculations were executed using the Vienna Ab initio
Simulation Package (VASP) [26], adopting a supercell configuration of 5
x 5 x 1 unit cells of HCP-TisSiC; (15.37x15.37x17.73 A%) with peri-
odic boundary conditions (PBCs). The supercell (300 atoms) is opti-
mized with a plane-wave energy cutoff of 400 eV and a gamma-only (1 x
1 x 1) k-points. The convergence criteria for structural optimization are
set to 107> eV for total energy and 0.03 eV/A for atomic forces. The
Perdew-Burke-Ernzerhof (PBE) form of the Generalized Gradient
Approximation (GGA) [27] is employed as the exchange-correlation
functional. The Climbing Image Nudged Elastic Band (CI-NEB) [28]
method was utilized to calculate the migration energy barriers of
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Fig. 1. (a) Surface morphology of the as-received Ti3SiC, sample with its composition information (EDS) and crystal structure information (SAED pattern); (b) The
overview image of FIB-prepared TEM sample; (c) the results variation of dpa (induced by Xe, He and H) in the irradiated Ti3SiCo; (d) the variation results of
implanted atom concentrations (Xe, He and H) in the irradiated Ti3SiC2. These results are calculated by SRIM 2013 software with full damage cascades mode.
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defects. The defect formation energy is calculated as Ef = E, — Eyz +
> niu;, where E, is the total energy of the crystal with a defect a, Epy the
i

total energy of the perfect crystal (without defects), n; the number of
atoms of type i involved in the defect, and y; the chemical potential of
atom type i. The binding energy of two defects («, ) in the supercell can
be evaluated using the formula, E, = E,s — E, — Ep+ Epp, Where Egy
represents the total energy of the combined defect af, and E, and Ej
represent the total energy of the isolated defect @ and f3, respectively.
Furthermore, a 3 x 3 x 3 supercell of TiC (12.84x12.84x12.84 10\3)
containing 216 atoms was employed to compute the energy associated
with Si interstitial behavior within TiC. The simulation parameters for
TiC were consistent with those used for Ti3SiCo. The box sizes for both
Ti3SiCy and TiC are validated to be large enough for energy convergency
and avoiding image interaction between defects under PBCs.

3. Results

High-resolution TEM images (Fig. 2(a-c)) reveal the presence of
defect clusters at the peak damage regions in samples irradiated with Xe
ions, Xe+He ions, and Xe+He+H ions. In comparison with the sample
irradiated solely with Xe ions, the defect clusters in the Xe+He irradi-
ated sample exhibited a greater number density and size. Conversely,
upon comparing Fig. 2(c) with Fig. 2(b), the number density and size of
defect clusters were marginally reduced following the implantation of
hydrogen ions, suggesting that hydrogen ions impede the growth of
defect clusters in Ti3SiCy. The SAED pattern in Fig. 2(a) indicates that
TigSiCy retains its pristine HCP structure after irradiation with single Xe
ions. However, upon the introduction of He and H ions, Ti3SiCy un-
dergoes a structural transformation from HCP to face-centered cubic

Before annealing

After annealing

Xe+He
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(FCQC), as evidenced by the SAED patterns in Fig. 2(b) and 2(c).
Following annealing at 900 °C for 2 h, the damaged regions within the
three types of irradiated Ti3SiC, samples exhibited varying degrees of
recrystallization recovery. In the case of the Xe+He and Xe+He-+H ions
irradiated samples, the majority of the irradiated regions, which had
adopted an FCC structure, reverted to their original HCP structure post
annealing, as demonstrated by the SAED patterns in Fig. 2(e) and 2(f).
Concurrently, the annealing process resulted in the formation of a minor
quantity of stacking faults, amorphous regions, and helium bubbles.
Additionally, FCC phases were observed within the recrystallized
TigSiCy grains, as depicted in Fig. 2(c), suggesting that some FCC phases
remained unreverted to the HCP structure upon annealing. Conversely,
the SAED pattern reveals that the damaged region in the Ti3SiCy sample
irradiated with single Xe ions transitioned to an FCC structure after
annealing at 900 °C for 2 h, and the associated HRTEM image (Fig. 2(d))
demonstrates that the crystallinity remains significantly compromised.

Fig. 3(a), (d), and (g) present overview (ov) TEM images of the three
irradiated Ti3SiCy samples post-annealing at 900 °C for 2 h, illustrating
the internal formation of precipitates and bubbles. The remaining im-
ages in Fig. 3 correspond to underfocus (uf) and overfocus (of) TEM
micrographs of irradiation-induced bubbles in the peak damage regions.
The peak concentration regions of xenon and helium bubbles are situ-
ated at a depth of approximately 1000 nm, aligning well with SRIM
calculations. In the sample irradiated with Xe ions, the Xe bubbles are
uniformly distributed within the damage region, as depicted in Fig. 3(a)-
(c), with an average diameter of approximately 2 nm. Following the
introduction of He ions, Fig. 3(d)-(f) demonstrate an increase in the
average bubble size and a decrease in their number density, with some
helium bubbles reaching up to ~15 nm in size. In contrast to the Xe+He

Xet+He+H

Fig. 2. The HRTEM images of the microstructure at the peak damage regions in the irradiated samples before and after annealing: (a) Xe ions; (b) Xe+He ions; (c)
Xe+He+H ions; (d) Xe ions, 900 °C, 2 h; (e) Xe+He ions, 900 °C, 2 h; (f) Xe+He+H ions, 900 °C, 2 h.
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Fig. 3. The TEM images showing the irradiation induced bubbles in the peak damage regions inside the irradiated Ti3SiC, samples after annealing at 900 °C for 2 h:
(a)-(c) Xe ions irradiation; (d)-(f) Xe+He ions irradiation; (g)-(i) Xe+He+H ions irradiation.

irradiated samples, the addition of hydrogen ions resulted in a slight
decrease in the average bubble size and an increase in their density.
Nonetheless, the presence of hydrogen ions in the Xe+He+H irradiated
samples, as evidenced by Fig. 3(h)-(i), led to the formation of several
oversized bubbles, suggesting that implanted hydrogen ions promote the
growth of helium bubbles during annealing. The detailed number den-
sity and size of bubbles under different irradiation conditions are given
in Fig. 4.

EDX mapping results prove that all element atoms distribute uni-
formly in the damaged regions in these three irradiated Ti3SiCo, samples
and no secondary phase were observed, as shown in Fig. 5(a)-(c). After
annealing at 900 °C for 2 h, amounts of Si enrichment precipitates can be
obviously observed in these irradiated samples, as shown in Fig. 5(d)-(f).
The Si enrichment regions inside the Xe, Xe+He, Xe+He+H ions irra-
diated Ti3SiCy samples are mainly located at the depth from 200~1500
nm, 100~500 nm and 200~1000 nm, respectively. Meanwhile, a con-
tent comparison of the Si enrichment precipitate (P, considering the size
and density of the precipitates) in these annealed samples is: Px, >
PxeHe+H > Pxetne. The EDX mappings and HADDF image of a rich Si
area are shown in Fig. 6(a); and the corresponding HRTEM image, SAED
pattern (obtained by Fourier transform) and element composition ratio
of a Si enrichment precipitate marked in Fig. 6(a) are shown in Fig. 6(b),
which indicate that the lattice structure of these rich Si clusters is FCC

structure, and there still exists near 37 % Ti atoms. Interestingly, a band-
like aggregation area of silicon atoms that parallel to the incidence di-
rection of the ion beam was observed in a TiC grain, and it can be clearly
observed from the Fig. 7 that these Si atomic clusters migrated together
with the small-sized bubbles, which indicates that the interlayer gaps of
the (110) planes of TiC can be served as a migration channel for the Si-
He pairs.

Fig. 8 shows the nano-hardness results of the irradiated and unirra-
diated Ti3SiCy samples before and after annealing. Compared with the
unirradiated samples, the irradiated samples show a significant increase
in nano-hardness, from 13.03 GPa to 20.47 Gpa. And as the subsequent
incidence of He and H ions, the hardness had a slightly increase: Hx,
(20.47 Gpa)<HxeHe (21.57 Gpa)<Hxe He+1 (22.22 Gpa). The similarity
in hardness magnitude under the three different irradiation conditions
suggests that the implantation of He and H ions has a slight impact on
the hardness of the Ti3SiC; in this work. After annealing at 900 °C for 2
h, the nano-hardness of these irradiated samples reduced prominently.
The decrease in hardness of irradiated samples after annealing is often
attributed to defects recovery, but the hardness of the unirradiated
samples also decreased after annealing, which is due to the release of
residual stress during the annealing process. After annealing, the hard-
ness values of these three samples at the irradiation damage region are:
Hy, (9.53 Gpa)<Hxe i ge (13.62 Gpa)<Hxe ge+m (15.30 Gpa). In addition,
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Fig. 4. The size distribution of bubbles detected in the irradiated samples after annealing at 900 °C for 2 h: (a) Xe ions; (b) Xe+He ions; (c) Xe-+He+H ions. And the

number densities of bubbles were summarized in (d).

it can be seen that the hardness results of the damage areas of the
annealed sample irradiated with Xe ions are approximately the same as
the unirradiated sample, while the hardness of the damage regions of the
Xe+He and Xe+He+H ions irradiated samples are significantly larger
than that of the Xe ions irradiated samples after annealing, which is
related to the distribution of Si-rich precipitates/He bubbles and the
crystal structure of the materials.

4. Discussion
4.1. Microstructure evolution and phase transformation

Irradiation-induced damage was clearly observed in these three
kinds of irradiated Ti3SiCy samples, such as black spots, amorphization,
structure transformation and so on. Under single Xe ions irradiation,
although Ti3SiCy still maintained initial crystal structure, it was not
perfectly ordered; the diffraction rings and the deformation of diffrac-
tion spots in the SAED pattern indicate the occurrence of partial
amorphization and disorder. When Ti3SiC, samples were irradiated with
Xe+He and Xe+He+H ions, the structure transformed from HCP to FCC
structure. As convention, displacement per atom (dpa) is used to
quantify the damage induced by irradiation. Shen [13] proposed that the
structure of Ti3SiCy remained unchanged as the damage up to 11.7 dpa
(Xe ions irradiation) at room temperature, but when the damage was
increased up to 58.5 dpa, the TigSiCy sample transformed to FCC

structure. This phenomenon indicates that the occurrence of structure
transformation in Ti3SiCy has a threshold dpa value. It is also the reason
why the Ti3SiCy sample remains its initial HCP structure in this study
(single Xe ions irradiation, ~14 dpa). In Xe+He and Xe+He+H ions
irradiation conditions, the extra implanted He ions can be combined
with the vacancies induced by the Xe ions to form bubbles or cavities,
which can inhibit the recombination of self-interstitial atoms (SIA) and
vacancy defects, and lead to further damage [29]. On the other hand,
point defects can be formed at the early stage of irradiation and then
accumulate into clusters and stacking faults. Si interstitials can migrate
along the Si layers from 2b sites to 2d sites to form the HCP-B-Ti3SiCy;
with the increase of dpa, the cation and anion sites undergo disordering
leading to the formation of HCP-y-Ti3SiCy phase. As the dose is up to a
higher level (~14 dpa), the stacking faults induced by irradiation trigger
the HCP-y-Ti3SiCs to the solid solution FCC-(Ti3Si)Cy phase [17], and
the formation of stacking faults can be described by the following
reaction:

% (1120)->stacking faults + % (1010) + % (0110).

During the 900 °C annealing process, as the atomic kinetic energy
increased, the irradiation-induced defects and damage were easier to be
annihilated and recovered. Zinkle [30] proposed that the defects re-
covery can be divided into five stages at high temperature. As the
temperature rises to between Stage I and Stage III, the self-interstitial
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XetHet+H

Fig. 5. EDX mapping results of the damage regions inside the ions irradiated Ti3SiC; samples before and after annealing: (a) and (d) Xe ions irradiation; (b) and (e)

Xe+He ions irradiation; (c¢) and (f) Xe+He+H ions irradiation.

FCC [011]

Fig. 6. (a) The HADDF image and EDX mapping results of a rich Si area; (b) The HRTEM image, SAED pattern and the EDX elemental composition ratio of the Si-rich

cluster marked in (a).

atoms (SIA) and some SIA clusters have sufficient mobility to migrate
and recombine with vacancy clusters and decrease the residual defects.
The efficiency of recombination can be promoted with the increase of
temperature. Therefore, after annealing at 900 °C for 2 h, most damage
regions of the Xe+He and Xe+He+H ions irradiated samples in the
damage peak band transformed back to the pristine HCP structure.
However, several stacking faults, partial amorphization and partial FCC
phase can also be observed in Xe+He and Xe+He+H ions irradiated
samples after annealing. During the annealing process, firstly, the
implanted He ions could greatly reduce the mechanical strength of
TigSiCy and helium atoms prefered to occupy the Si-layers in TizSiCo,
leading a sharp decline in theoretical fracture stress of helium atoms
occupying positions [31]; secondly, helium atoms had sufficient
mobility to move from Si adjacent sites to vacancies and gathered to

form larger bubbles, which generated stress around the damage areas to
result in the HCP—FCC phase transformation [25], which is the reason
that there are still partial FCC phases exist in the recovered HCP Ti3SiC,
grain, as indicated in Fig. 2(f).

Conversely, quite different from the Xe+He and Xe+He+H ions
irradiation conditions, the HCP—FCC phase transformation occurred in
the single Xe ions irradiated Ti3SiCy sample after annealing at 900 °C for
2 h. The Xe ions, as gaseous ions, have the functions similar to the He ion
in materials, leading to the formation of Xe bubbles and irradiation
damage. Owing to the larger atomic mass and atomic radius, it is more
difficult for Xe atoms to migrate and accumulate in the Ti3gSiCy than He
atoms. Emmerlich [32] pointed out that Ti3SiCy was very stable during
annealing at temperatures up to ~1000 °C for 25 h. Therefore, during
the 900 °C annealing process in this work, Ti3SiC; did not spontaneously
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Fig. 8. Nano-hardness of irradiated and unirradiated Ti3SiC, samples before
and after annealing.

decomposed into TiC. However, due to the introduction of Xe ions and
irradiation damage, Xe atoms could accumulate to form small Xe bub-
bles during annealing process, which could capture the Si interstitial
atoms that near the Xe bubbles to form rich-Si clusters pinned in the
damage regions, as seen in Figs. 3(a) and 5(d), which resulted in that the
Si interstitial atoms were not able to return back to initial lattice sites.
Thus, due to the pinning effect of Xe bubbles for the Si interstitials, the
phase transformation recovery of FCC-(Ti3Si)Cy into HCP-Ti3SiCy was
hindered in the Xe ions irradiated Ti3SiCy sample during the 900 °C
annealing process.

4.2. Xenon and helium bubbles

Most of previous works researched the helium bubbles evolution in
Ti3SiCy under the single He ions irradiation. Some studies showed that
the average diameter of helium bubbles grew up to 15 nm after
annealing at 750 °C for 2 h [25]. While in this work, in Xe+He irradi-
ation condition, the distributions of bubbles size are mainly between 4
nm and 8 nm, which shows that the helium bubbles size is slightly
smaller than that in the single He irradiation condition. The difference in
mean size of the irradiation-induced bubbles can be contributed to
distinction of the defect reactions and vacancy supply [33]. The irradi-
ation damage induced by pre-implanted Xe ions reached ~14 dpa in the
peak helium atoms concentration areas (at the depth of ~1000 nm),
including sufficient interstitial atoms and vacancies. Besides, Xe atoms
accumulated to form small Xe bubbles that could trap subsequent
implanted helium atoms. When He ions were implanted into Ti3SiCo, He
clusters and He-vacancy complexes were formed and the high annealing
temperature increased the mobility rate of He atoms. The stable defects
like xenon bubbles, stacking faults, vacancy clusters, can capture helium
atoms and could supply more nucleated sites for helium atoms to grow
into large helium bubbles at the peak damage region during the
annealing process [34]. Under the Xe+He+H ions irradiation, as the
binding ability of hydrogen clusters and defects induced by the H ions
irradiation is much weaker than that of He ions, those defects and
incident H atoms were more likely to be trapped by the pre-formed
helium clusters and promoted the nucleation of bubbles that fulfilled
with Xe, He and H atoms at the peak damage and peak concentration
(Xe, He and He atoms) areas (at the depth of ~1000 nm) during the
annealing process [35]. On the other hand, besides few oversized bub-
bles formed in the peak concentration depth regions, for the Xe+He and
Xe+He+H ions irradiated Ti3SiC, samples, due to the absence of He
atoms and the capture effect of Xe bubbles, a large number of small-sized
He bubbles were produced on the other damaged regions during the
annealing process. Therefore, the statistical results of average bubble
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size within the entire irradiation damage area indicate that the mean
size of bubbles in Xe+He cases is smaller than in single He cases, and the
mean size of bubbles in Xe+He+H cases is smaller than that in Xe+He
cases.

4.3. Si-rich precipitates and hardness evolutions

Compared with the unirradiated sample, the hardening phenomenon
can be obviously observed after ions irradiation, as shown in Fig. 8. It is
widely accepted that the hardening of materials after irradiation is
owing to the defects produced during the irradiation process, which can
act as barriers to pin dislocations, inhibiting the movement of disloca-
tion lines and resulting in the increase of hardness [36]. The hardness
results of these three irradiated Ti3SiC, samples before annealing are
similar, which suggests that the effects of He (400 keV, 1 x 107
ions/cm?) and H ion implantation (200 keV, 6 x 10'® ions/cm?) on the
increase in hardness of Ti3SiCy are minimal. During annealing the pro-
cess, most of vacancies and interstitials could diffuse out of the sample
surface or recombine with each other and then annihilate, which
resulted in the reduction in hardness of the irradiated samples. After
annealing, the hardness of the Xe ions irradiated samples decreased back
to 9.54 GPa, close to the unirradiated one, and there is almost no dif-
ference in hardness between the surface damaged area (~200 nm) and
the peak damaged region (~1000 nm), which is consistent well with
TEM results Fig. 3(a), as the Si-rich precipitates distribute uniformly in
the entire irradiation region with the FCC structure.

The hardness of the Xe+He and Xe+He-+H ions irradiated samples
are little higher than the unirradiated one after annealing, and the
hardness at the 200 nm depth region is higher than that at the peak
damage location (1000 nm depth), which is due to strengthen effect of
the Si-rich precipitates locate at the near-surface region. In addition.
According to the diffraction patterns in Fig. 3(d) and Fig. 3(g), the
surface regions of Xe+He and Xe+He+H ions irradiated samples are not
fully recovered, the unrecovered crystal structures and defects also have
an impact on hardness. Meanwhile, the hardness results indicate that H
atoms has little effect on the hardness of Ti3SiCp, material after
annealing.

Some calculation results [37] illustrate that C and Si interstitials can
be easily formed in Ti3SiCy, those interstitials can migrate rapidly in the
Si layer, especially at high temperature. As the vacancies were depleted
during the nucleation process of helium bubbles, helium interstitials
could be absorbed by those embryonic bubbles, those bubbles could put
out the self-interstitials simultaneously. Then, Si self-interstitial atoms
could accumulate to evolve into small clusters or the second phase. High
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temperature could accelerate the process. The formation of second
phase and dislocations may result in hardening. Helium atoms are
preferentially captured by vacancies, as more helium atoms are trapped,
helium clusters and bubbles can be formed in the Si layers in Ti3SiCp. Si
atoms could be knocked off by the high-pressure caused by helium
bubbles, forming high mobile Si interstitials [38]. Large He bubbles with
high density induced extreme compression and strain on the lattice near
that region. Interstitial silicon atoms located at any voids will be com-
pressed and migrate further to low He regions [24]. According to SRIM
simulation results in Fig. 1(c), the pre-implanted Xe ions could cause
considerable damage (~7 dpa) near the surface region, interstitial Si
atoms could migrate to those areas to absorb vacancies induced by Xe
ions irradiation to form Si clusters.

4.4. DFT calculations for the defect evolutions

In this work, the first-principles calculations within Density Func-
tional Theory frame have been performed to gain insights into the defect
formation and migration in Ti3SiCy. The atomistic structures of TigSiCy
model of this study are displayed in Fig. 9. The most common defects
during irradiation are vacancies and interstitials. For the three elements
in Ti3SiCy, there are four types of single vacancies, namely V¢, Vs;, V7i a,
and Vr; p. according to their local chemical environments. There are two
different Ti sites. One is between two carbon layers and the other is close
to Si layers. The formation energies are 2.458, 2.677, 7.608, and 5.495
eV for V¢, Vsi, Vria, and Vriyp, respectively. The three most energy-
favorable interstitial sites are I-SiC, I-SiTi and I-Ti, which are dis-
played in Fig. 9(e). [-SiC site is a tetrahedral site formed by 3 Si atoms
and 1 carbon atom, denoted as I1. I-SiTi site is a tetrahedral site
composited by 3 silicon atoms and 1 Ti atom, denoted as I2. I-Ti site is a
tetrahedral site enclosed by 4 Ti atoms and denoted as I3 site.

We have investigated the formation energies of six interstitial con-
figurations at sites I1, 12, and I3, each occupied by an atom of C, Si, Ti, H,
He, or Xe. The formation energies are presented in Fig. 10. It is evident
that the I1-Si configuration is the most energetically favorable, while the
formation of interstitial sites for Xe is less energetically favorable.
Consequently, our subsequent investigations primarily concentrate on
the I1-Si interstitial.

During irradiation-induced displacement cascades, a lattice atom is
displaced from its site, occupying an interstitial position within the
lattice, thereby creating a vacancy at its original site. This pair, con-
sisting of a vacancy and an interstitial, is termed a Frenkel-pair defect.
We have assessed the formation energy of Si Frenkel-pair defects,
selecting seven configurations based on varying interstitial-vacancy

Fig. 9. Atomistic structure of Ti3SiCy: (a) x-side view (b) y-side view (c) z-overview, (d) tilt-view of the 5 x 5 x 1 supercell (300-atom-cell). (e) the primitive unit cell
(12-atom-cell) of the Ti3SiC,. The three interstitial sites are marked in dashed circle in (e). I1 (Dashed-purple-circle) for I-SiC; 12 (dashed-red-circle) for I-SiTi; I3
(dashed-yellow-circle) for I-Ti. The red-solid arrow points to the relaxed site of an interstitial in this work except the H or He atom.
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separation distances, specifically 1.94, 3.63, 4.76, 6.45, 7.14, 9.34, and
10.75 A, as depicted in Fig. 11.

In the initial four configurations, the interstitial and vacancy are
located within the same Si layer plane, while the interstitials and va-
cancies in the latter three configurations are situated in distinct Si layer
planes. The formation energy of Si Frenkel-pairs as a function of
interstitial-vacancy distance is represented by the squared line in Fig. 11
(). This curve also delineates the potential profile of the Si Frenkel-pair
defect in HCP Ti3SiCy. At a separation of 1.94 A, the vacancy site is
positioned at the vertex of a tetrahedron. The Frenkel pair is sufficiently
close for the interstitial and vacancy to recombine, resulting in a perfect
lattice. The formation energy peaks at a separation of 4.76 A. However,
the potential profile exhibits a plateau at separations greater than 3.63
A

The vacancy serves a sink to absorb interstitials. When the vacancy
has absorbed another type of interstitial, they form a small complex of
Frenkel-X configuration. When X is He for example, Frenkel-He config-
uration equals (Vsi+ He) + I1g;, where vacancy at Si site has a He atom,
and a Si atom is in I1 site. In ordinance with experiment, we have
examined three elements, H, He, and Xe. The formation energy of
Frenkel-X (X = H, He and Xe) as a function of the distance between the Si
interstitial I1g; and the substituted Si site with X are illustrated in Fig. 11.

A general trend of the formation energy of Si Frenkel-pair and
Frenkel-X complex is that there is a plateau when the distance is beyond
3.63 A. This plateau suggests a low migration energy barrier for the
diffusion of the Si interstitials. The calculated value of migration energy
of a Si interstitial is 0.056 eV equal to the thermal energy of 650 K, which
suggest that the thermal energy can easily drive such a migration at
temperature above 650 K.

In order to have atomistic insights on the properties of bubbles in the
irradiation, we have investigated the energy profile of the initial nano
bubbles. It is well accepted that the bubble nucleated at the vacancy
sites. Therefore, we have examined the trap capability of the single
vacancies of four typical vacancy sites of carbon atom lattice site, silicon
atom lattice site, titanium atom lattice site a (Ti_a, titanium within two
carbon layers) and titanium atom lattice site b (Ti_b, titanium close to
silicon layers) for the irradiated ions (H, He and Xe).

The formation of hydrogen bubbles is a common occurrence during
irradiation. Consequently, we initially assessed the trapping capacity of
single vacancies across the four types. The outcomes, depicting the
trapping of up to six hydrogen atoms for the four vacancy types, are
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presented in Fig. 12. Formation energy quantifies the energy required to
create a defect, with lower values indicating a higher propensity for
defect formation. A general trend observed is that formation energy
increases with the number of trapped hydrogen atoms, as shown in
Fig. 12(a). Titanium vacancies exhibit significantly higher formation
energies compared to carbon and silicon vacancies, indicating a pref-
erence for hydrogen trapping in carbon and silicon vacancies. Binding
energy reflects the binding strength of the trapped atoms, with negative
values indicating favorable binding and positive values suggesting un-
stable binding. The binding energy profiles for hydrogen atoms ranging
from two to six, within the four single vacancy sites, are depicted in
Fig. 12(b). The findings indicate that a carbon vacancy can stably
accommodate two hydrogen atoms, whereas a silicon vacancy can
support up to five hydrogen atoms. Ti_a and Ti_b vacancy is able to trap
three and four hydrogens, respectively. The binding energy analysis
suggest that the 5-atom hydrogen bubbles are likely to nucleated at a
silicon vacancy site. Noted that none of H atoms forms molecular in the
vacancies. The separation distances of H atoms range from 1.5 to 3.5 A
in all calculated cases compared to 0.75 A for the H, molecular in
vacuum.

In the same way, the formation of helium bubbles embryos was also
investigated. The formation energy of up to three helium atoms in a
single vacancy are displaced in Fig. 13(a). The formation energies of
helium clusters are lowest in Si vacancy sites, suggesting that helium is
most likely to occupy the silicon vacancies. The corresponding binding
energies are illustrated in Fig. 13(b). All the positive binding energy
suggest that the Helium bubbles are unlikely form in a single vacancy.
We have further studied the formation of xenon bubbles embryos. The
formation energy of up to two xenon atoms in a single vacancy are
displaced in Fig. 13(c). The formation energies of single xenon are
lowest in Si vacancy sites, suggesting that xenon is most likely to occupy
the silicon vacancies. The corresponding binding energies are illustrated
in Fig. 13(d). All the positive binding energy suggest that the xenon
bubbles are unlikely form in a single vacancy.

Besides single species, we have examined the formation of complex
small clusters, including two or more element atoms. The formation
energy of He-H, He-H-H, He-H-He in a single vacancy are displaced in
Fig. 14(a). For the VSi-He-H configuration for example, one He and one
H occupies the silicon vacancy site. Its formation energy is 8.773 eV,
higher than that in carbon vacancy site (6.064 eV) and Ti_b vacancy site
(7.748 eV). Then further addition of one H atom (thus He-H-H config-
uration) and one He atom (thus He-H-He configuration) are considered.
It is interesting to find that three-atom cluster of He-H-H on the silicon
vacancy site has the lowest formation energy of 4.562 eV among all the
examined configurations. The binding energy analysis Fig. 14(b) reveals
that the binding energy of the additional H atom is high, —5.378 eV. The
negative sign just marks it is a stable binding. Comparing with Fig. 12
(b), this is clear evidence that the present of He atom in a vacancy
enhanced the capture of hydrogen atoms and forming of hydrogen
bubbles. The binding energy results also show that these different va-
cancies (C, Si, Ti_a, Ti_b) can trap He-H-H clusters but not He-H-He
clusters. Small He clusters or He bubbles is unlikely to form in the
presence of enough H. This result aligns well with the experiment
observation.

Subsequently, we investigated the formation of Xe-based complex
clusters, such as Xe-H and Xe-H-H. Configurations involving two or more
Xe atoms within a single vacancy are found to be unstable. The forma-
tion energies of Xe-H and Xe-H-H clusters on a single vacancy site are
depicted in Fig. 14(c). Both clusters in silicon vacancy sites exhibit the
lowest formation energies among the four single vacancy sites, with
values of 6.879 eV for Xe-H and 8.193 eV for Xe-H-H configurations.
Analysis of binding energy, as shown in Fig. 14(d), indicates that the
addition of hydrogen is energetically unfavorable except at the Ti_b site.
The formation energies for both Xe-H and Xe-H-H at the Ti_b vacancy
site are 12.632 eV and 10.312 eV, respectively. The elevated formation
energies of Xe-H and Xe-H-H defect clusters reduce the likelihood of
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their occurrence on lattice sites.

It is worth noting that the formation energy and migration energy of
a defect synergistically determines the mass transport of the defect
during the annealing and nucleation process. A difference in formation
energy does not have much impact on the population of the initially
generated defects during collision cascade. However, the formation
energy determines the thermal equilibrium states of defects during the
thermal nucleation and annealing processes. Meanwhile, the migration
is thermodynamically driven. The speed of migration of defect is pro-
portional to the exponential factor of the migration energy difference.
Therefore, the migration energy is critical for the transport of the defects
during the annealing process, which controls specific physical processes
related to the time evolution.

Based on our DFT calculations, the segregation and bubble growth
process in Ti3SiCy under different successive implantation could be
addressed from the migration of Si interstitials. Under solely Xe irradi-
ation, the Si Frenkel pairs are easily to form since the energy of separated
Si interstitial and Xe-vacancy complex is much lower than that of a Xe
interstitial in the perfect lattice (see the energy profile in Fig. 11). Then
the Si interstitial could escape the vicinity of the vacancy quickly under
thermal activation because of extreme low migration energy [38]. The
massive Si interstitials segregated together and formed clusters locally in
the materials. As Xe+He implantation, compared with solely Xe irradi-
ation, the He atoms enhanced the recombination of Si Frenkel pairs
(Fig. 11). He could segregate into the vacancy at the speed of the same
order of magnitude as Si interstitial [22] and further formed bubbles,
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which trapped Xe and Si interstitials and reduced the Si cluster in the
material. Only part of the Si interstitials could escape from the peak
depth of Xe-+He region into the subsurface. When H ion was added into
the flux, few oversized bubbles formed in the peak concentration (He
and H atoms) depth regions (~1000 nm). Based on the binding energy
shown in Fig. 14(b), the He atoms preferred to be surrounded by H
atoms in the voids. The diffusion and segregation of He atoms was
decreased by the H atoms. Thus, extra Si interstitials could segregate
into clusters under less He traps. Experimentally, compared with the
Xe+He ions irradiated sample, the degree of recrystallization of
Xe+He+H ions irradiated sample is lower, and the dispersion of its
precipitates is also higher, which is consist with some research results
that the implanted hydrogen ions play a negative role on the interlayer
bonding strength via leading to electron localization on Si atom and
deteriorating the interatomic bonding between Si and Ti atom [39].
To elucidate the formation mechanism of the strip-like Si clusters
observed in TiC grains post-irradiation (Fig. 7), we quantified the energy
and migration barriers for Si in TiC (Table 2). Drawing upon computa-
tional outcomes and the inherent properties of Ti3SiCy and TiC, we
propose a plausible formation mechanism (Fig. 15(a)). The details are
follows. (1) Prior to irradiation, TiC grains contained negligible Si
atoms, and consequently, Si primarily originates from Ti3SiCy. As pre-
viously noted, Si interstitials are readily generated in Ti3SiCy during
irradiation, with a low migration barrier of 0.056 eV, facilitating rapid
segregation of Si along the basal plane of the HCP lattice to the Ti3SiCy-
TiC grain interfaces. (2) Si readily forms clusters within TiC, attributed
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to the negative binding energies of Si interstitial and substitutional
clusters. Additionally, Xe and He implantations induce the formation of
C vacancies in TiC, offering energetically favorable sites for Si. Conse-
quently, at the interface, the substantial presence of Si atoms induces
localized anisotropic stresses within the TiC grains. (3) At the interface,
the growth of Si clusters induces local stress in TiC, leading to the
emission of dislocations or loops, thereby creating space for additional Si
atom trapping. Si atoms continue to accumulate until a stress threshold
is reached, at which point TiC emits dislocations or loops once more,
facilitating continuous growth of Si clusters within the TiC grains.
Additionally, the dominant slip system in TiC is {110}<110> [40],
which is consistent with the experimentally observed orientation of Si
strip-like clusters (<110>). These processes primarily occur under
Xe-+He irradiation. Helium bubbles also grow within TiC and concur-
rently promote the generation of dislocation loops in TiC.
Additionally, as observed in Fig. 7, there is a significant but small-
scale distribution of Si atoms within TiC. Apart from the originally
present in TiC grains and the possibility of Si being kicked from Ti3SiCy
due to the ion implantation. Si can permeate into the TiC grain through
thermal diffusion facilitated by the presence of He atoms (#4 in Fig. 15).
Based on the migration barriers for Si in bulk TiC and in the presence of
He interstitial or vacancy-He complex (Table 2), we can estimate the
diffusivity of Si under different conditions by using the Arrhenius’s

formula, D = yolzexp(f—) [41], where vy is the attempt frequency

(calculated by the Vineyard formula as 1.32x10'%/s from the vibration
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frequency mode of the Si atom [42]), L is the distance of Si atom jumping
between the neighbor sites (2.14 A, half of the TiC lattice constant
calculated in this work), Ep, is the corresponding migration barrier, k is
the Boltzmann constant, and T is the annealing temperature taken as
1173 K from the experimental conditions. Qualitatively, the migration
barrier for Si in the presence of He is taken as the average value (2.32
eV) of the migration barriers of Si in bulk TiC and near the vacancy-He
complex (Table 2). The mean time for particle migration is directly
proportional to the square of the migration distance and inversely pro-
portional to the diffusivity (7 ~ % derived from Fick’s laws). Here, the
migration distance is assumed to be 1 pm (see Fig. 7, the thickness of the
TiC grain).

Utilizing the parameters and assumptions outlined above, we esti-
mate that Si migration from one interstitial side of the TiC boundary to
the other would require approximately 4200 h during annealing. This
implies that, under the experimental conditions detailed in this study, a
substantial amount of Si is unlikely to enter the TiC crystal core via
thermal activation spontaneously. Conversely, under He irradiation, the
Si migration time is reduced to approximately 6 h, aligning with the
experimental annealing duration of 2 h. It is noteworthy that the He
concentration in DFT calculations is approximately 0.5 % (1/216),
whereas in actual experiments, the peak concentration reaches
approximately 7 % (Section 2). Consequently, we posit that the presence
of He atoms enhances Si diffusivity by at least 700 times at 1173 K,
enabling significant Si infiltration into the TiC grain via thermal acti-
vation within the actual experimental timeframe. Additionally, as
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Table 2

Formation, binding, and migration energies (in eV) of defects in TiC. I and V
represent the interstitial and vacancy defects, respectively. The most stable
interstitial stie in TiC is the cubic center of the lattice. Isily, represent the INN
complex of an interstitial Si and an interstitial He. S§; and SI' represent the
configurations of Si substituting the C and Ti atom, respectively. SS( (X = H, He,
and Xe) represent the configurations of X atom substituting the C atom, i.e. the
V¢-X complex. S"S; and II represent the Si clusters containing n S§ and Is;,
respectively. S§ + Ic — Ix describes that an X atom Kkick off an C atom from the
lattice into a C interstitial in TiC. Mg; represents the migration energy of the Si
interstitial in bulk (Mgﬁ‘”‘), in SiHe cluster (Mg-e), and in the presence of the V¢-He
complex (M‘;;C'“). M2k and M3, represent the migration energy of He interstitial

without and with 1NN Si interstitial, respectively. The detailed configuration of
Si-He cluster is shown in Fig. 15.

Formation Binding
I 7.34 Sz; —-0.66
Ic 2.99 Ssc —2.66
Is; 4.25 $4¢ —5.22
si
Vi 9.87 b —0.52
Ve 0.33 L -0.73
s 1.38 I3 —0.50
st 7.09 Isilte —0.73
I5:SE, 0.10
Iy 0.10 SG+Ic—In 0.53
Ine 5.51 sge + I — The -0.93
Ixe 21.22 8%, + 1o — Ixe —8.34
Migration
Mk 3.09 MEuk 0.29
MEe 2.60 M, 0.38
Mg.f, 1.60

previously discussed, Si clusters readily segregate and grow through the
emission of (110) dislocations or loops in TiC, resulting in the formation
of stripe-like Si layers oriented along the (110) direction.

5. Conclusions
This study investigates the synergistic effects of Xe, He, and H ions

irradiation on the microstructural evolution of Ti3SiCy, both pre- and
post-annealing, employing a hybrid experimental and first-principles
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computational approach. Irradiation with single Xe ions led to
amorphization and disorder in TizSiCy, yet the initial layered crystal
structure was preserved. Following the implantation of He and H ions,
the structure transitioned from the pristine HCP to FCC. Post-annealing,
the structure of the sample irradiated with single Xe ions evolved into
FCC-(Ti3Si)Cy, attributed to the pinning effect of Xe bubbles on Si atoms.
Conversely, in the samples irradiated with Xe+He and Xe+He-+H ions,
the majority of regions reverted to the HCP-Ti3SiCj structure. The mean
size of bubbles in these irradiated Ti3SiCy samples after annealing is:
Dxe+He > DxerHet+H > Dxe, which is releated with the supply of vacancies
and He atoms. H atoms can reduce the surface energy of bubble nucle-
ation and growth.

There is a significant increase in nano-hardness of the Ti3SiCy sam-
ples after irradiation., while the effects of He and H ion implantation on
the increase in hardness of Ti3SiC; are minimal (Hy, : 20.47 Gpa, Hxe ge:
21.57 Gpa, Hxe+pe+n: 22.22 Gpa). However, there were significant dif-
ferences in the hardness of the irradiation damage regions of these
irradiated samples after annealing (Hy, (9.53 Gpa)<Hxeip. (13.62
Gpa)<Hxeipet+n (15.30 Gpa)), which is due to the distribution, size and
density of the Si-rich precipitates and He bubbles that formed in the
damage regions and the crystal structure of the damage regions in the
materials. Thermodynamic energy calculations demonstrate that Xe
atoms can spontaneously create Si Frenkel pairs, leading to the forma-
tion of numerous Si interstitial clusters. Concurrently, He atoms facili-
tate the recombination of Si Frenkel pairs, enabling only a limited
number of Si interstitial clusters to migrate to the sample surface from
the peak damage region. The addition of H atoms can augment the
formation of Si precipitates by promoting He bubble nucleation.

Within TiC grains, Si atomic clusters were observed migrating in
conjunction with small-sized bubbles. Additionally, a substantial num-
ber of Si atoms segregate to the interfaces between Ti3SiCy and TiC
grains. DFT calculations suggest that strip-like Si clusters are formed,
oriented along the (110) direction, through the emission of (110)
dislocation loops within TiC. Moreover, He significantly enhances Si
interstitial diffusion in TiC, with a diffusion rate approximately 700
times greater at 1173 K, promoting Si diffusion into the interior of TiC
grains.
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